1. Formation and structure of amorphous metallic solids. -1.1 PURE MONATOMIC SYSTEMS. -I t is well known that the specific volume, specific energy and short range atomic order (SRO), as defined by the number and spacing of nearest-neighbors in a WignerSeitz construction, of most metals change rather little in the crystal -melt transition. These transition characteristics naturally gave rise to the view that the structure of liquid metals should be modelled satisfactorily by that of a defective crystal, such as a dynamic microcrystalline assembly. However later developments [l A], led to quite a different view of the nature of the SRO in amorphous metals, molten or solid. In particular, there were the demonstrations [I, 2, 31 that large undercoolings, at least 0.2 to 0.33 of the thermodynamic crystallization temperature, T,, are required to nucleate crystallization in finite systems of clean molten metals. Further, the model studies of Bernal and others [4] showed that assemblies of uniform hard spheres formed by 3-dimensional random packing collapse upon compression, not to a crystalline state but to a dense random packed (DRP) structure of a high density containing a prominent admixture of non-crystallographic configurations. Owing to these configurations, which in their idealized forms often exhibit pentagonal symmetry, the crystallization of the DRP structure can occur only by a reconstructive process. In the mean field, or free volume model for the liquid ++ glass transition, developed by Cohen and the author [5] , the DRP structure models the t< ideal )) monatomic glass toward which the amorphous system would relax when crystallization does not intervene [6] .
In view of this model, it is instructive to consider the results of computer studies on the dynamics of transport and solidification in 3-dimensional systems of uniform hard spheres, where the mean field model should precisely apply. These studies [7] have established that thermodynamic crystallization in hard spheres begins at a fluid density vo/v -0.67 relative to that, l/vo, of the ideally close packed crystal. This density is far less than that, -0.86, of the DRP structure which is therefore metastable relative to the crystal. Further [8] , see figure 1, the self-diffusivity, D, is falling precipitously and the shear viscosity, y, is climbing steeply with increasing fluid density at the crystallization point. From this behavior, as well as the free volume extrapolation of it [5c], it seems apparent that D and l/r] would have virtually vanished well before the DRP density is reached. Actually, Bennett [9] reports molecular dynamics computations indicating D 0 in a system in the DRP configuration, in which Lennard-Jones interatomic potentials operate, compressed until the total potential energy is zero. These results support the hypothesis of Cohen and the author [6] that the DRP structure models an ideal monatomic glass in internal equilibrium and that, except for the intervention of crystallization, the hard sphere fluid would, in supercompression, solidify continuously toward the glass state. We note that the essential difference between the fluid and solid states is in the nature of the molecular motions. In the fluid these motions are, in large part, translatory, or diffusive, corresponding to a correlation factor, f, not far less than unity, while in the solid, whether amorphous or crystalline, f --0, i. e., the motions are almost wholly oscillatory.
It might appear that the preparation and retention of the DRP structure, since it is much less stable than the crystal, would be quite difficult. Actually a non- ideal DRP structure appears quite readily in small model systems [lo] by processes which are probably akin to vapor quenching. Also a similar structure sometimes appears upon supercompression of the fluid state of small dynamic systems [6] . What guidance the results on hard sphere systems offer in the interpretation of structure and transport behavior of actual monatomic, especially metal, systems will now be considered. First, we note, see Table I , that at the crystallization points, the densities of monatomic fluids, relative to the corresponding crystals at 0 K, are well above the density of the hard sphere fluid. Within the framework of the mean field model these results reflect the relative softness of repulsive forces in atomic systems. To compare the atomic with the hard sphere results it is customary to define a temperature dependent atomic cr hard core D diameter in terms of an interatomic pair potential ; e. g., this diameter might be defined as the interatomic separation at the point on the repulsive branch of the potential which is kT above the minimum. In this way Alder and Dymond [Ill showed that the transport behavior in fluid argon is entirely consistent with the predictions of the mean field model (MFM). Recently a similarly modified MFM has been used to interpret the heat capacity [12] and atomic transport [13, 141 behavior of liquid metals.
It seems likely that in an amorphous system the nature of the SRO will be dictated largely by short range interatomic interactions. Frank 1151 pointed out some time ago that the SRO most favored by these [16] notes that in the 3-dimensional serial deposition of hard spheres the operation of short range potentials alone, strongly favors the formation of groupings in which the centers of 4 mutually contacting spheres delineate a regular tetrahedron. A close-packed crystal structure must contain one octahedral group for every two tetrahedral groups. However, Bennett points out that by itself an octahedral group of six spheres can decrease its volume by collapsing to a configuration consisting of 3 tetrahedra sharing a common edge. For this reason the occurrence of octahedral configurations in systems, whether solid or molten, where the behavior is dictated by very short range forces should be rare and model studies seem to confirm this expectation. It is this difficulty of forming octahedral groups which provides the microscopic basis for explaining why molten metals exhibit high resistance to homogeneous crystal nucleation and may have somc potential for glass formation. Since space cannot be filled by the packing of regular tetrahedra alone, the problem arises : How might a macroscopic body accommodate its configurations to short range forces favoring tetrahedral groupings other than by crystallization ? Polk [17] noted that the Bernal DRP structure might be thought to be composed by the assembly of a high density of tetrahedral configurations with admixture of a small concentration of larger holes to achieve space filling. The idealized forms of these larger holes had been specified already by Bernal. Viewed in this way the tetrahedral void fraction, which is 2/3 in close packed crystals, is 0.86 in the DRP structure. Presumably, it is the presence of the larger voids which is responsible for the lower density and higher potential energy of the DRP relative to the close packed crystal structure. It may be that the more loosely packed random structures are similar to the DRP excepting for higher proportions of the larger holes. This possibility merits further exploration.
The foregoing considerations suggest that isolated clusters of atoms, interacting by centrosymmetric potentials would, when sufficiently small, be more stable in a non-crystalline than in any crystalline configuration ; and the question arises : What size must the cluster reach in order for its most stable configuration to be crystalline ? An early calculation by Frank 1151 indicated that a 13 atom cluster should be most stable when a central atom is surrounded icosahedrally by 12 neighbors. In this configuration the outer atoms, considered as hard spheres, would not be in contact. Consequently, with some softening of the repulsive potential, it would relax to a state of lower potential energy than could the two crystallographic configurations in which the outer atoms are in contact prior to the relaxation. Recently there have been several calculations of the number and energy densities of larger atom clusters [18, 191 . In one of these [19c] Hoare and Pal showed that with a LennardJones interatomic potential clusters containing up to at least 66 atoms are more stable in some non-crystallographic than in any crystalline configuration. These results lend further support to the idea that initiation of crystallization in a 3-dimensional atomic system would require substantial reconstruction of the SRO.
Bennett [16] notes that in 2-dimensional systems the short range interactions will most favor the formation of triangular groupings of particles. Since these can be assembled to fill space, it is possible that a 2-dimensional system of random packed discs would, in contrast with the 3-dimensional system, collapse to a crystalline arrangement upon compression. There is the corollary implication that the 2-dimensional amorphous systems, e. g., smectic layers of ordered fluids, may exhibit much less resistance than do 3-dimensional systems to homogeneous crystal nucleation.
In an actual atomic system the differences of both the specific energy and volume between the infinite DRP and crystalline structures should be reduced substantially with softening of the interatomic repulsive potential. This effect was demonstrated by the calculations of Weaire et al. [20] on pure metals in which a fitted Morse interatomic potential was used. A further interesting outcome of these calculations was the finding, in agreement with the Bennett result, that with the assumed potentials the DRP structure is actually in metastable internal equilibrium, i. e., it is stable against infinitesimal distortions.
The foregoing considerations are the microscopic basis for the concept of Cohen and the author [5, 61 that, if crystallization could be bypassed, all monatomic fluids would exhibit a liquid o glass transition ; i, e., solidify continuously with falling temperature to solids with DRP like structures. Actually in pure metals cooled at normal rates, crystallization apparently always intervenes before the glass temperature, T,, is reached ; i. e., T, lies below 0.65 to 0.8 T, . It should be possible to put these metals into amorphous solid form by deposition -vapor, electro or ion sputtering -onto sufficiently cooled, (i. e., well below T,) substrates. Amorphous films so formed should withstand heating to T, without crystallization provided there are no crystallization centers on the substrate. However, it has been noted [12, 21, 221 that the normal scaling relation between crystal growth rate, u, and reciprocal viscosity, l/y, may not apply to a high purity monatomic system. More particularly, u may scale as the Enskog diffusivity, D,, rather than as the actual D since the atomic motions required for growth of the crystal apparently are not as restricted by interparticle interferences as those required for atomic transport within the amorphous phase. It follows that high purity amorphous films may crystallize well below T, by growth from crystallization centers in the substrate. It seems plausible that the mobility of large angle grain boundaries in high purity material should mark the lower limit of that of the crystal -amorphous solid interface.
In amorphous films of lesser purity some reordering or redistribution of impurity may be required in order for crystal growth to proceed. Such impurity motions should occur by mechanisms akin to those in atomic transport or flow and the attendant crystal growth rate may therefore scale as l/y. In this event, the kinetic crystallization temperature range may mark T,, approximately.
Recently there have been reports of success in depositing films of pure metals in amorphous solid forms but the composition and structures of these films seem not to be fully characterized yet. Bennett and Wright [23] have reviewed some of these results and report on their own preparations of amorphous films of some of the transition metals. They observed that the kinetic crystallization temperatures of their films were increased sharply by the presence of relatively small amounts of impurities. Davies et al. [24] report that very small and thin (-0.1 micron) sections at the edges of a splat quenched Ni foil were amorphous at room temperature. Since the quench rate was extremely high, -10'' K/s, this behavior seems compatible with the expected crystal nucleation rate of molten Ni. However, in view of Bennett and Wright's results, it seems surprising that the amorphous Ni, if pure, was not transformed by outward growth of crystalline Ni from the more massive parts of the foil.
Actually, Hilsch et al. [25] had shown some time ago that in vapor deposition both the formation tendency and kinetic stability of amorphous metallic solids are sharply enhanced by admixture of certain impurities, and these effects were essentially confirmed by Nowick and Mader [26, 271 . The first successes of Duwez and associates [28] in melt quenching to amorphous metallic forms apparently were facilitated greatly by the alloying additions. Since these experiments, the variety of alloys put into amorphous solid form has been extended greatly. Further, the occurrence of the liquid -glass transition in some of the alloys was demonstrated by both thermal and rheological measurements [29, 301 . Recently, these and other results on the formation, structure and properties, of amorphous solid alloys were reviewed fully and critically by Giessen and Wagner [31] . In the following, some aspects of alloying effects on metallic glass formation are discussed in terms of the DRP type of structural models.
THE ROLE OF ALLOYING IN METALLIC GLASS
FORMATION. -In general, impurity additions may facilitate glass formation in the following ways : [12, 31, 321 (1) by increasing the stability of the amorphous state, molten and solid, relative to the crystal at the same composition ; (2) by increasing the temperature of the liquid tt glass transition or, as we have noted already, (3) by decreasing, apart from the driving free energy factor, the rate of crystal growth. This effect would be pronounced if some local compositional reordering were required for crystal growth.
We note (see Giessen-Wagner [31] review of amorphous alloy compositions) that the alloys which have been put into amorphous solid forms are composed primarily by (A) noble or transition metals having filled or nearly filled d bands with some admixture, usually, of (B) metalloidal elements or others, including early transition metals, which appear to be nearly free electron like in their metallic state behavior. All amorphous alloys so far formed by melt quenching have contained both A and B components, but Nowick, Mader et al. [26] have vapor deposited some, e. g., Cu-Ag and Au-Co, consisting of A elements only. In most such alloys, the major constituent is a n A element but in some, e. g., vapor deposited Cu-Sn and melt quenched Cu-Zr, the B compositions have exceeded 50 at %. Of course there is no assurance that the structures, which have been thoroughly characterized for only a few systems, of all the amorphous alloys are essentially similar [30a, 311. It appears 1321 that the metals most likely to exhibit the highest glass temperatures would be those in which the interatomic repulsive potentials are climbing most steeply with decreasing neighbor-neighbor separation. It is difficult to evaluate precisely the interatomic pair potentials for metal hosts. However, it has long been thought [33, 341 that in metals of the A type the core-core repulsive interactions probably increase sharply with decreasing interatomic separations near the Wigner-Seitz f. c. c. separation. Thus, it is in these metals that hard sphere repulsive behavior may be most nearly simulated and this may be reflected by their relatively high Griineisen constants, as was pointed out by Mott and Jones [33] , as well as by their relatively large volume expansions (see Table I ) between the crystal at 0 K and the liquid at T,. From this point of view it is not surprising that A type metals are highly favored as hosts for alloys which form amorphous solids. We have no direct information on the glass temperatures of pure A metals. Often the temperature of crystallization on heating, T,, marks the approximate glass temperature. If so, T, of one amorphous mixture of A metals, CusoAgs,, formed by vapor quenching would be -370 K.
Nowick and Mader [27] attributed the favorable effect of alloying on amorphous solid formation primarily to differences between the atomic sizes, as specified by the Wigner-Seitz volumes of the alloy constituents. It appeared that this size non-uniformity would greatly slow the rate of crystal growth and thereby kinetically stabilize the amorphous structure. Apart from this kinetic effect, atomic size dispersion may sometimes increase the relative thermodynamic stability of the amorphous state. More particularly, it is plausible that the filling of space by the random packing of hard spheres may be more complete with spheres having certain size distributions than with spheres of a single size 135, 361. Experience seems to support this expectation. For example, Ashby ' [37] observed that densities within about 2 % of that of crystalline close packing of uniform spheres are reached in the random packing of two sets of spheres with the diameter ratio 1.211 .O. With normal interatomic potentials this higher packing density should lead to relative lowering of the potential energy of the amorphous state in actual atomic systems. The RDFs of model systems composed by the dense random packing of two sets of hard spheres with different diameters have been investigated by Polk [38] and by Dixmier et al. [39] .
While the foregoing interpretation of alloying effects is highly plausible, there are some amorphous alloys in which the size differences, as defined, are quite small. An example (see Figure 2) is the amorphous Ni-P system (Ni,P to Ni,P) in which the atomic volumes of the constituents apparently differ by no more than 1-2 % in either the crystalline or the amorphous states [35] . In this system, as well as in the A-B amorphous alloys formed by melt quenching, it appears that relative stabilization of the amorphous state by the B additions may have had a decisive role in facilitating the glass formation.
Indeed, all of these A-B type glass forming systems exhibit, either in their molten or some intermetallic compound state, negative heats of mixing when formed from the corresponding states of their pure constituents. The thermal measurements of Chen and the author [29, 301 indicate that a high degree of local compositional order develops in molten Au4Si and Pd4Si based alloys as they are cooled toward their glass transition temperatures. The systems which seem most prone to glass formation in melt quenching are those having compositions lying at and near to abnormally low-lying eutectics. These abnormal eutectics would seem to reflect that the alloys are exceptionally stable in their amorphous states. Figure 3 shows the phase diagram for one such system, Au-Si, compared with the diagram calculated by applying the ideal solution model to the major constituent of the liquid phase. We note that the liquidus courses follow those calculated fairly well in the relatively dilute solution ranges but then dip sharply to a eutectic temperature of -640 K which is far below the calculated -1 145 K. Cohen and the writer [40] pointed out that this relative stabilization of the amorphous state ought to lessen the gap between T, and the glass temperature and thus facilitate bypassing of crystallization in the melt quench.
Cargill [36] demonstrated that the DRP structure, as characterized by Finney [41] , gave the best fit, of the models tested, to the RDFs of a number of amorphous alloys in which a single A element is the predominant constituent. Later Polk 1171 showed that the relative stability and atomic density of the DRP structure may be increased markedly by the placement of impurity atoms in the larger of the structural voids already alluded to. In its idealized form the atomic environment of the largest of the voids is quite like that of the metalloid atoms in the intermetallic A3B (e. g., Pd3Si and Ni,P) crystalline phases. The corrected analysis (private communication, G. S. Cargill, I11 and D. E. Polk) indicates that about 13 at % of metalloid could be incorporated into the DRP structure in this way without serious deviations of the AB spacings from their values in the intermetallic phases and up to 20 at % B can be included with more severe distortions. Thus a (( clathrate )> like stabilization of the DRP structure may be effected when the preferred AB spacing, RiB, is compatible with the dimensions of the larger voids. Polk suggests that the higher concentrations of metalloid, xB > 0.13, in the amorphous structure may result either from a more loosely random packed structure which would be characterized by a higher proportion of the voids large enough to accommodate B, or possibly by the substitution for A by B atoms on the DRP framework which would be formed entirely by A in the ideal structure. Sadoc et al. [39] conclude that Polk's model is oversimplified since their computer simulated packing of spheres of two different sizes indicate that the smaller spheres perturb the configurations of the larger spheres. However, Polk's model appears to be a valuable first order approach to viewing the SRO in these alloys. Consider, in view of Polk's model, the structure of amorphous Ni-P which has been investigated quite thoroughly [31, 35, 361 . Although the volume contribution of the P atom in either the crystalline or amorphous structures of Ni,P to Ni is almost identical to that of the Ni atom, in crystalline Ni,P the smallest Ni-P spacings, RNi_p, are less than the minimum RNi-,, by amounts as great as 11 %. This means that the Wigner-Seitz coordination number of P must be substantially less than that for Ni. According to Polk [17] , P would be sited similarly in the larger voids of the DRP structure. Thus even though P additions do not appreciably alter the average atomic volume in the amorphous alloy, we should expect to find that most of the nearest neighbor Ni-P separations are substantially less than those of Ni-Ni and they should contribute a small shoulder at the front of the first peak in the RDF of Ni-P alloys. Polk noted some suggestion of such a shoulder in Cargill's RDF. Recently, Dixmier and Duwez [42] showed that the RDF of the similar (Pd50Ni5,),oo-xPx amorphous alloy can be interpreted satisfactorily when an apparent shoulder of this type is attributed to metal-phosphorus nearest-neighbor spacings which are about 20 % smaller than those of the metal-metal.
The glass forming behavior of these systems seems consistent with a model in which the interatomic potentials @(R) would have the following features. When the potentials are scaled with their deepest minima corresponding, the repulsive branch of the A-A potential QAA(R) should climb more sharply with decreasing R than does QsAB(R). What form QBB(R) may have is less clear but it seems likely that its repulsive branch is considerably harder than that of @,,. Further, the potentials for the glass formers should be of such magnitude that the energy of the system is lowered by A-B pairing. These potentials woukd define effective hard core diameters, R: and RE but owing to the softness of QAB(R) these diameters would be decreased in the alloy whenever A and B neighbor each other. Thus alloying of A with B would introduce, in the mean field context, an excess of cr internal free volume )) of mixing characterized by the dependence of R; and RE upon the composition and SRO in the alloy.
The microscopic basis for the model is that in pure metals of the A type the core-core interferences impose an interatomic separation considerably larger than that which would minimize the energy due to the interaction between the conduction electrons and positive ions. Thus when A interacts with atoms of the B type, which have Wigner-Seitz f. c. c. separations greatly exceeding the ion core sizes, there should be a strong tendency for the outer electrons of B to spread into the region occupied by the A core with the result that the preferred separation of A and B will be substantially smaller than one half the sum of the A and B Wigner-Seitz f. c. c. separations. Heine and Weaire [34] have discussed this effect for the noble metals and note some experimental studies [43] indicating that the apparent atomic volume of the noble metals is indeed reduced somewhat when they are alloyed with certain B type elements.
The foregoingP model is in good accord with the thermal measurements which indicate that the local order in the molten alloys increases markedly with falling temperature. This ordering would result, as Polk suggested and as the structural studies indicate, in the formation of an amorphous solid with a very high degree of compositional SRO. Also, the model may provide some basis for explaining some other rather puzzling features of the thermodynamic behavior of A-B type molten alloys. 
AS:^(=)
In particular, (see Table 11 ) the entropies of forming these alloys from their pure molten constituents often exceed the ideal entropy of formation,
, by rather substantial amounts. These entropy excesses, A%, even appear in systems where the heats of formation deviate substantially from (( 0 )), either positively, as in Tl(Cu), or negatively, as in Au(Si). Kleppa [44] observed that, in some instances at least, the algebraic values of L H O and A3:, both fall with decreasing temperature.
Kleppa's surmise that there would be no substantial volume increase in the mixing of these alloys seems borne out by the few measurements available. Indeed, Rossolimo and the author [45] found that the volume change in the mixing of molten Pb and Au (undercooled) at 618 K is negative, corresponding to a partial atomic volume of Au in lead rich alloys about 14 %
Iess than that of pure undercooled molten Au. Kleppa suggested that the large entropy excesses reflect unusually large amplitudes of the A o B oscillations which would imply that the AB repulsive potential is, indeed, quite soft. As already indicated, in the mean field model (MFM) the effect of the weak A-B repulsion is increasing ((internal free volume D, reflected by the entropy excess, with alloying. Hildebrand 1461 derives, using the MFM, the following simple expression for the entropy of mixing :
Here xis the atom fraction and yo is the free volume )) of the designated component. In the simple model yo is taken to be v0 -b0 where v0 and b0 are respectively the atomic and excluded volumes in the pure constituent ; b0 is determined by the effective hard core diameter, which is generally temperature dependent. While this simple method of applying the MFM does not account very well for the behavior of pure liquids, it has, as Prigogine [47] emphasized, been used with moderate success to calculate the dzferences between the properties of solutions and their pure constituents. In applying the model to A-B alloys we allow the effective hard core radii, hence b and y, to vary with composition as well as with temperature. This leads to the following expression for the excess entropy :
A first order correction of the effect of composition on the s's results in : Figure 4 shows a fit of the composition dependence of the excess entropy of molten Pb-Au alloys at 600 0C to the simple Hildebrand expression, i. e., It is grossly satisfactory, on the whole, but rather poor for the lead rich alloys. More importantly, the exceptionally low value required for a seems to imply an unreasonably large decrease, about 60 % of the entropy of fusion, of the configurational entropy of molten Au upon cooling from T,,, to 600 OC. Therefore, it seems that the excess entropy can be accounted for more plausibly by supposing, on the basis of our model, that R : , and R :~ are reduced markedly whenever Pb and Au neighbor each other (i. e., a > 0)
and Rossolimo [45] demonstrated this for the lead rich alloys by detailed calculations.
The algebraic decrease in both AX, and the heat of formation with decreasing temperature presumably reflects an accompanying increase in SRO which reduces the compositional contribution to the configurational entropy.
The transition from melt to glass reflects a continuous solidification in which the shear viscosity is increasing rapidly with falling temperature over a narrow temperature interval. According to the MFM, or free volume model, this solidification results from increasing interparticle interferences which, at sufficiently small free volume, transform the interparticle motions from being translatory to primarily oscillatory in nature. The decrease in free volume with decreasing temperature, at constant pressure, results not only from the increasing particle density but also from the increasing effective hard core diameters of the particles. According to the model presented here, elements of the A type should exhibit relatively high glass temperatures because of the presumed hardness of the repulsive part of GAA(R). The addition of B to A ought actually to increase the internal free volume and thus the atomic transport coefficients, especially at high temperatures where the melt is completely disordered. There is some evidence of such effects. In particular, silicon additions reduce the viscosity of molten iron and Polk and the author [48] found that the viscosity of the molten glass-forming alloy Auo.,,Ge0 ,4Sio.o, at 406 OC is less by a factor of 2 than the minimum plausible extrapolated value for the viscosity of pure molten gold.
If, indeed, the effect of B admixture is to lower the viscosity of molten A based alloys, then there should be a corresponding reduction in T, of the fully disordered states of these alloys. However, the development of SRO might increase the glass temperature relative to that of the disordered state by one or the other, or both, of the following mechanisms. 1) As ordering occurs, T, might be raised and even approach its value in pure A owing to the increasing proportion of A-A neighboring pairs ; according to this view, T, would correspond roughly to the temperature at which a certain high degree of SRO is developed. 2) As Chen [49] has suggested, the disordering energy may present a considerable barrier to the flow ; in this event, T, of the alloy might substantially exceed that of the pure A host. The second mechanism is supported by some measurements of Chen [29, 30, 491 which show T, increasing with increasing concentration of B. However, the B concentration ranges accessible to experiment were rather small. Also we note that the glass temperatures of Au,Si based alloys, T, --290 K, are far less than that, -370 K for Cu5,Ag5,, as implied by Nowick and Maders' [26] results. Since Tg of pure Au ought, presumably, to be at least as high as that of Cu-Ag alloy, these results suggest that Si additions to molten Au depress T, and that the observed Tg may reflect the temperature of high SRO development.
According to either mechanism the flow resistance of the amorphous alloy should depend strongly on the SRO. This prediction is supported by the observations of Chen and the writer [29] that, following an abrupt temperature change, the shear viscosity of a Au4Si based alloy shifts from its initial to its final steady value over a much longer period than that in which the temperature change occurs. It follows that any spatial non-uniformity in the SRO would be reflected by non-uniformity of the flow resistance. Thus the plastic flow which occurs in some amorphous alloys well below Tg may be initiated in locally disordered regions and the striking localization of the deformation may result, as Polk and the author [48] suggested, from flow softening due to the concurrent disordering.
Certain alloys [31] composed by A and elements early in the transition series also have been melt quenched to amorphous solids ; (e. g., Cu-Zr [50] and Cu-Ti 1501). While the early transition metals may be thought of as B type, these alloys are exceptional in that their amorphous structures can accommodate more than 50 % B and at these compositions the glass temperatures are well above those indicated for certain of the A components. These alloy systems exhibit a number of stable intermetallic crystalline phases but the liquidus courses indicate that the liquid alloys are relatively very stable as well. Structural studies have revealed [51] that in the Cu-Ti system, at least, the atomic volumes of the intermediate phases, from Cu,Ti through CuTi,, are from 8-13 % less than the stoichiometric average of the atomic volumes of the constituents in their pure crystalline states. Thus Cu and Ti, like the other AB glass formers, exhibit in their alloys minimum AB separations well below the average of those of their pure states. Apparently, the B/A atomic volume ratios of most of these glasses are far above those of the other AB glasses considered here. These high ratios, as well as the relatively high melting temperatures of the pure B elements, may provide the basis for explaining the relatively high T,' s of the alloys. Giessen and Wagner [31] have discussed alloying effects on glass formation in these systems more fully.
Fast diffusion and interstitial solution behavior.
-The phenomenology and understanding of fast diffusion in alloys have been reviewed by Anthony [52] and, more recently, by Warburton and the author [53] . Our interest in the present context is that alloys which exhibit fast diffusion seem to have a reciprocal host-impurity relation to alloys which are especially prone to amorphous solid formation ; and this relation may reflect an essentially similar type of A-B interaction.
The hosts for fast diffusion identified so far have been B type electropositive elements with large lattice parameters ; in particular, Pb, Sn, In, TI, alkali metals, Zr [54] and certain lanthanides and actinides. Impurities known to be fast diffusers include the noble metals, Co and Ni, all of which are A type, and Zn, Cd and Hg, which exhibit an intermediate type of diffusivity in certain of the hosts.
Interpretation of the diffusivity behavior has led to the conclusion that the noble metals diffuse in Pb, Sn, In, and T1, and probably in the other B hosts as well, predominantly by interstitial mechanisms. It follows that the enthalpy differences, AHsi, between the interstitial and substitutional states of the impurities can be no larger than the activation energies for diffusion, which range from about 4 to 15 kcal/gm. atom (0.2 to 0.7 eV.). Thus the occupancy of interstitial sites by these impurities must be substantial ; this result is very surprising since the Wigner-Seitz A/B radius ratios for all the systems are well above the Hagg empirical limit for predominantly interstitial solution. It has been noted that the largest interstices delineated by the positive ion cores of the B structures are all large enough to accommodate the A atoms without core-core overlap. However, the minimum A-B spacings with A sited interstitially are far less than the preferred AB spacings in the liquid alloys [54A] . These results strongly support the concept that the repulsive part of the A-B interatomic potential is exceptionally soft.
Perhaps the most thoroughly studied fast diffusion is that of the noble metals in Pb hosts. For example, at infinite dilution Au diffuses, with an activation energy of 9 400 kcal/gm. atom, at rates, depending on T, lo4 to lo7 times those of Pb. Turner et al. [55] discovered that strong internal friction peaks appear in Pb at low temperatures following the dissolution of small amounts of Cu, Ag, or Au. Analysis of the crystallographic dependence of the stress response indicated that the defect responsible for the internal friction has an off-center interstitial configuration which could result from an octahedrally sited interstitial atom pairing with a host atom through displacement along a [loo] direction. Warburton and the author [53] have coined the term cc diplon >) to designate this type of defect.
Turner et al. found that the activation enthalpies for reorientation of the A-B diplons are equivalent, within experimental error, to the corresponding activation enthalpies AHD in fast diffusion. It follows from these results that AHsi is either negative or negligible in comparison with AHD for all three of the impurities in Pb.
While the dissolution enthalpy AHA,_pb is slightly negative [44] for liquid Au in Pb it is about/ + 15 kcal/ gm. atom [57] for solid Au in the f. c. c. Pb host. This enthalpy change would include the enthalpy associated with decreasing the Pb-Au separation below its preferred value and some enthalpy due to the accommodating distortion of the host. With no host relaxation the Pb-Au separation in the interstitial defect would be about 2.5 A, which is well below one half the sum, 3.2 A, of the Wikner-Seitz f. c. c. separations of the pure elements as well as the indicated minimum separation -3.05 A in the liquid alloy.
Internal friction 1551 and precipitation kinetic studies 1571 have shown that in a lead host there is an association which increases with increasing concentration x,, or falling temperature at given x,, of two A-B diplons to an A-A diplon in which two A atoms are paired on one substitutional site.
where d, v and s denote, respectively, diplon, vacancy and substitutional. Provided the A-A diplons are relatively immobile, such association will lead to decreasing diffusivity of A in B. Recently Warburton [58] has shown that the diffusivity of Au in Pb does drop quite sharply with increasing X, and that the effect is greater the lower is the temperature.
At equilibrium the interstitial concentrations of A in B hosts are not known to exceed 0.1 to 0.2 at %.
However, Giessen et al. [59, 601 have succeeded in forming, by splat cooling, supersaturated solutions with very much higher contents of interstitial A. In particular, they demonstrated by X-ray and dilatometric density determination that up to 10 to 12 at % of Cu or Fe can be retained in as interstitials, e. g., as A-B diplons in a Yttrium host [59] . In gadolinium hosts [60] similar amounts of Cu and Fe can be retained but primarily in the form of A-A diplons.
